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Abstract

A uniaxial tension/compression test specimen was cycled between fixed total strain limits of±0.4% for eight success-
ive cycles. The sample was loaded using a dedicated Instron hydraulic load frame on the ENGIN station of the PEARL
beam line at the ISIS facility of the Rutherford Appleton Laboratory. The load frame was aligned to allow simultaneous
monitoring of longitudinal and transverse lattice strain components. There was a strong experimentalhkl-dependency
of the lattice strain response in both the effective stiffness and in the lattice strain loop hysteresis. The experimental
data were compared with numerical predictions obtained from a self-consistent elasto-plastic model for the simulation of
polycrystal deformation. A cyclic hardening law was developed and implemented into the modelling scheme, providing
theoretical predictions in good agreement with experimental observations. 2002 Acta Materialia Inc. Published by
Elsevier Science Ltd. All rights reserved.
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1. Introduction

The deformation of polycrystalline materials has
constituted an important branch of materials
science for more than 60 years. Throughout this
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period the major focus has been on macroscopic
flow curve prediction, texture simulation and yield
loci calculation. In recent years the focus has also
been directed towards the prediction of the devel-
opment of lattice strains for differently oriented
grains within the polycrystal. This area of interest
can largely be attributed to the increased use of
neutron diffraction as a tool for studying the
micromechanics of polycrystalline aggregates, and
for engineering applications such as residual stress
characterization [1].

The study of residual stress generation in
polycrystals using neutron diffraction has a two-
fold aim. First, neutron diffraction is especially
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well matched in the level of detail provided to the
validation of current models of polycrystal defor-
mation; that is self-consistent schemes [2] or
boundary value solutions [3]. Diffraction, and neu-
tron diffraction in particular, can provide direct
experimental evidence of the heterogeneous stress–
strain variations evolving in the interior of an ela-
sto-plastic anisotropic crystalline aggregate. Dif-
fraction is therefore an attractive tool to judge,
validate and potentially refine the micromechanics
on which these modelling schemes rest. The
second aim is of a more applied engineering nat-
ure, where an increased knowledge of the non-lin-
ear and highly anisotropic development of lattice
strains and residual intergranular strains can pro-
vide essential guidance for engineering studies of
residual stresses.

This combined theoretical and experimental
approach has already been successfully used in the
study of in situ uniaxial deformation. Current state-
of-the-art modelling has been demonstrated
recently [4] and correlated with neutron diffraction
experiments on steel in a subsequent publication
[5]. Holden et al. [6] have illustrated the role of
polycrystal modelling in the interpretation of meas-
ured residual strains in Ni-based alloys. In these
systems the strong directional dependence of elas-
tic and plastic response, combined with the crystal-
lographic texture, makes it very difficult to decon-
volute residual strains using only the raw
information of lattice strains. We have also demon-
strated the potential of the anisotropy in lattice
strain response of different hkl directions to hold
a “fi ngerprint” of the deformation history [7].

Previously reported work [5,7] has demonstrated
that the hkl-dependency of the residual intergranu-
lar stresses is of utmost importance in the proper
analysis of diffraction-based measurements of
residual stress in engineering components. How-
ever, these previous studies were limited to unidi-
rectional, uniaxial loading situations, whereas
engineering structures typically undergo cyclic and
multiaxial loading. As the findings from these
initial studies cannot be directly applied to the
more general cyclic and/or multiaxial case, it is
necessary to extend these kinds of studies, and a
natural first extension is cyclic uniaxial loading.

The highly anisotropic generation of residual

intergranular stresses plays an important role in the
Bauschinger effect; the present experiment enables
us to correlate these quantities in a direct manner.
The Bauschinger effect is of both scientific and
engineering interest, and constitutes an effect of
relevance to many industrial processes where
material undergoes forward and reverse loading.
For instance, in sheet metal forming it is well
known that some stages of the deformation which
the material undergoes include successive bending
and straightening. As in true composites, where the
inhomogeneity of phase-specific internal stresses
plays a dominant role in the evolution of the
Bauschinger effect, in pure metals the dependence
of residual intergranular stresses on crystallite
orientation and anisotropy affects the material’s
Bauschinger effect. In correlating these residual
intergranular stresses with the macroscopic evol-
ution of the Bauschinger effect, it is envisaged that
by careful tailoring of, for example, the material’s
texture, coupled with control of the magnitude of
residual intergranular stresses, specific Bausch-
inger effects may be tailored for specific engineer-
ing purposes such as compensating for spring-
back effects.

Apart from this relevance to engineering pur-
poses, the experiments provide a direct evaluation
of models of polycrystal deformation. This desire
to pursue a more materials science-based aspect is
in fact driven by the ultimate goal of establishing
better constitutive models of materials’ behaviour.
In contrast to the phenomenological approach of
continuum mechanics, it is a central goal for
materials scientists to define material models based
on actual micromechanical and physical phenom-
ena which are observed in the microstructures of
the material. The scale at which we consider the
characteristics of materials deformation originates
at crystallographic slip in the atomic lattice and is
subsequently, through the evolution of lattice
strains and stresses, extended to the overall macro-
scopic elastic and plastic behaviour of the aggre-
gate, including the prediction of material yield sur-
faces. Recent work [8] deals with polycrystal
simulations of cyclic loading using a Lin–Taylor
upper-bound approach, and concentrates mainly on
the macroscopic response of the aggregate. To the
authors knowledge, however, the present work rep-
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resents the first attempt at measuring and simulat-
ing the evolution of lattice strain during cycling,
although reverse yielding in MMCs has been stud-
ied by Pragnell et al. [9].

2. Experimental details

The material used in the resent investigation is
an fcc stainless steel cut from the same sheet to
the one used in [5], where further details on the
chemical composition, strength and stiffness data
can be found. The sample geometry was a speci-
men of diameter 7 mm and gauge length 25 mm
designed as a compromise between the necessity
of a limited aspect ratio to allow the compression
part of the cycles, and sufficient space between the
mounting grips to allow unhindered passage of the
incident and diffracted neutron beams. Incident
slits 5×5 mm were used, with the outgoing beam
defined using radial collimation of width 1.5 mm.
Since only the central part of the specimen is thus
measured by the neutron beam, the diffraction
results should be insensitive to any inhomogeneity
of deformation sometimes found in reverse-loading
tests [9].

The experimental configuration used a purpose-
built Instron loading frame mounted on the dif-
fractometer [10], with its loading axis 45° to the
incident beam, allowing the simultaneous monitor-
ing of both longitudinal and transverse diffraction
patterns using two detector banks. A schematic
illustration of the arrangement is given in Fig. 1.

The sample was mounted with a standard clip-
gauge extensometer to monitor the macroscopic
strain in the loading direction during the neutron
tests. The experiment was conducted as an
incremental loading under load control, cycling the
materials between fixed strain limits of approxi-
mately ±0.4%. Diffraction data were then collected
at each increment in load.

During the initial three cycles diffraction pat-
terns were monitored at approximately 24 load lev-
els during each cycle. Thereafter, diffraction pat-
terns were collected only at the extreme tensile and
compression levels, and when passing through zero
load. To collect the diffraction patterns (from the
left- and right-hand detector banks) took approxi-

mately 40 minutes, in order to acquire sufficient
statistical quality to allow accurate d-spacing deter-
mination for at least six independent hkl-reflec-
tions. In total, the whole experiment progressed
over more than 72 hours. A typical diffraction pat-
tern is shown in Fig. 2.

3. Experimental results

The experimental lattice strain loops for six
independent hkl-reflections were measured, and
some of these are shown in Figs. 3 and 4, covering
the longitudinal and transverse strain components,
respectively. All data shown are based on single
peak fitting using a standard non-linear least square
fitting procedure. The peak fitting incorporated the
wavelength-dependent anisotropic peak shape
found at pulsed neutron sources [11], using the
GSAS software [12].

Fig. 3a–c illustrate a number of clear points. The
small but non-zero intergranular strains, i.e. near-
linear strain for macro applied stress, which has
been observed for the 111 and 311 diffraction
peaks in uniaxial tests [5,7], is seen here through-
out the tensile–compressive cycling, and this was
also true for the 420 peak. These same peaks also
demonstrate a linear behaviour in the transverse
direction (Fig. 4a,b). On the other hand, in the axial
direction a clear hysteresis is observed in the 200
and 331 peaks in particular, and also to a lesser
extent in the 220. These responses are in qualitat-
ive agreement with the relative magnitude of plas-
ticity-induced intergranular strains observed in
unidirectional tests carried out earlier [5]. As might
be expected, since they are primarily caused by
Poisson constraint effects, the magnitude of hyster-
esis strains is smaller in the transverse direction,
though clearly present in the 200 plane. In the 331,
220 and 420 planes in the transverse direction (not
shown), any hysteresis is too small to be visible
above the experimental scatter of the data.

Although the initial loading event shows a dif-
ferent stress–strain response to the following
cycles (particularly clear in the case of axial 200),
the loop histories all appear to lie on top of each
other, at least within the uncertainty of the
measurements. That is, the intergranular response
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Fig. 1. Experimental configuration of the ENGIN instrument on the PEARL beam line at ISIS. The long axis of the sample is the
loading direction. The strain measurement directions for each detector indicate how strains are measured parallel (right) and perpen-
dicular (left) to the loading axis.

Fig. 2. Typical diffraction pattern collected during the tests.
This spectra is taken from the first zero load level, i.e. the as-
received sample. Experimental data are shown as grey crosses,
the black line is a Rietveld refinement fit to the data.

appears to saturate after a single loop. This can be
seen in the close-up of the 200 plane response
shown in Fig. 3d. This figure shows the initial
loading curve, the first loop and the start of the
second, just in the tensile quadrant. Thicker arrows
indicate later stages of loading. The first loop
clearly follows a different path to the initial load-
ing, but the second loop is almost coincident with
the first and, by the plastic strain regime, within
experimental uncertainty indeed it is. This is per-
haps surprising since the macroscopic stress–strain
curve certainly does develop measurably between

the first and last cycles, and we will return to
this point.

The macroscopic response shows an identical
gradient during cycling on either side of zero
applied stress, with macro plasticity occurring only
once a significant (�100 MPa) reverse stress has
been applied. The same unchanging gradient is
seen for some of the reflections in the axial direc-
tion, namely the 111 and 420, and possibly the 220.
On the other hand, there appears to be a distinct
change in gradient as the applied load passes
through zero for the 200 and 331, and possibly
311, directions. Unfortunately, the data are some-
what sparse for loads immediately following zero,
but it is apparent that the response changes at rela-
tively small applied reverse loads.

4. Self-consistent modelling

A self-consistent polycrystal deformation model
[13] has been used to predict the measured lattice
strains. The model includes the single crystal elas-
tic anisotropy of the stainless steel, and describes
the plastic deformation as being caused solely by
crystallographic slip on the �111�(110) slip
planes of the fcc lattice. The change of hardening
as a function of accumulated strain is described
using a kinematic hardening law based on a Voce-
type hardening. As the hardening coefficient on a
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Fig. 3. Experimental data representing the longitudinal lattice strain loops for four six hkl-reflections (uncertainties in italics): (a)
(200)—80me and (111)—70me, (b) (311)—80me and (331)—175me, (c) (220)—130me and (420)—175me and (d) close-up of the
tensile part of the (200) response at the start of the experiment. Thicker arrows indicate later cycles.

slip system that is loading is increased, the harden-
ing coefficient on the opposite slip system, i.e. the
same slip plane but opposite slip direction, is
decreased by the same amount. This is a polycrys-
tal plasticity equivalent to the classical macro-
scopic kinematic hardening law. The main differ-
ence with macroscopic kinematic hardening is that
this describes a shift of the entire yield surface. In
our case, however, we move only the opposite slip
direction—the yield surface in other slip directions
is unaffected. However, we believe that this is
more representative of the “ true” material, since it
correlates with the reversal of dislocations on a
given slip plane.

The hardening function used for each system is
thus described by Eq. (1):

t̂s � ts0 � (ts1 � qs
1�)�1�exp��

qs
0�

ts1
�� (1)

where � is the accumulated shear strain in the
grain. The threshold stress ts in Eq. (1) describes
(in an average way) the resistance to activation that
the deformation modes experience; it usually
increases with deformation due to strain-hardening.
Equation (1) represents an extended Voce law
which, instead of stress saturation, exhibits an
asymptotic hardening rate qs

1. For the strains used
in this work it is an adjustable hardening para-
meter. In addition, we allow for “self” and “ latent”
hardening by defining coupling coefficients hss�

which account for the obstacles that dislocations in
system s� represent to the propagation of s dislo-
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Fig. 4. Experimental data representing the transverse lattice
strain loops for three hkl-reflections (uncertainties in
microstrain in italics): (a) (200)—110me and (111)—90me and
(b) (311)—100me.

cations. The increase in the threshold stress of a
system due to shear activity in the grain systems
is calculated as:

�ts �
dt̂s

d�
�
s�

hss��g s�. (2)

When “self” and “ latent” hardening are indis-
tinguishable, hss� � 1. Equations (1) and (2) permit
a description of the high hardening rate observed
at the onset of plasticity, and its decrease towards
saturation at large strains. Linear hardening is a
limiting case of this law, and takes place when
ts1 � 0.

We add the additional constraint that if a system
is loading, i.e. ts	mss and ṫs	msṡ (where ms is the
Schmidt tensor for slip system s), the hardening
on the system with opposite slip direction, s�, is
decreased by the same amount:

ṫs� � �ṫs. (3)

By using this definition, only the slip systems
opposite to loading systems are experiencing
softening, somewhat mimicking the easy reversal
of dislocation pile-up on loading slip systems. All
the other systems harden the same as the forward
slip system. As a consequence, except for the spe-
cial treatment of the opposing system, this is an
isotropic model (i.e. hss� � hss) without latent hard-
ening. We acknowledge that a permanent displace-
ment of the opposite facet in the single crystal yield
surface is a simplistic way of dealing with the
reversible back-stresses associated with pile-ups.
We expect, however, to be able to reproduce the
Bauschinger effect through this mechanism.

The elastic properties of the steel are based on
published data, as described in [5]. The choice of
optimal parameters for the critical resolved shear
stress and hardening coefficients is made in an iter-
ative approach aimed at achieving the best possible
agreement with the observed macroscopic cyclic
behaviour. The philosophy is that we do not pro-
ceed to study microstructure-related features until
the model has proven a capacity to reproduce the
observed macroscopic behaviour of the aggregate
(Fig. 5a). Some development in the experimental
macroscopic loop can be observed and for the opti-
mization of the model predictions compromises
had to be made when defining the parameters of
the hardening law. The level of hysteresis reduces
as cycling occurs, as the system becomes plas-
tically stiffer, but also as plasticity occurs at
slightly lower stresses. As can be seen in Fig. 5b,
the model macroscopic loop also clearly develops
under cycling; the model has been optimized to
predict macroscopic loops closely resembling the
experimental observations. It correctly captures the
major features of the change in shape of the hyster-
esis loop, namely earlier initial hardening and
stiffer plastic strain gradient. However, although
not shown in the figure, the experimental macro-
scopic loop appeared to stabilize, or at least the



1633T. Lorentzen et al. / Acta Materialia 50 (2002) 1627–1638

Fig. 5. (a) The development in the macroscopic stress–strain
loop, showing the first two cycles (continuous line) and the
eighth cycle (broken line) and (b) the subsequently predicted
macroscopic loop closely resembling these observations.

change in shape from cycle to cycle was reduced
with each cycle; thus cycle 7 and cycle 8 were
identical within the uncertainty in measurement. In
contrast, it is apparent that the model hysteresis
loop continues to change in shape, and while there
is a slight reduction in the rate of change as cycling
progresses, this effect is relatively small. The
reasons seems to be that, because of grain interac-
tion effects, the macroscopic stress reversal is not
necessarily accompanied by a microscopic stress
reversal in the grains. As a consequence, it is not
necessarily the opposite system that is activated in
reversal, and the mechanism of dislocation recom-
bination is not mimicked in all grains.

Based on achieving agreement with the macro-
scopic behaviour as far as possible, we proceed to
extract from the simulation data corresponding to
the volume-weighted averages of the elastic lattice
strains in families of “grains” representing the hkl-
reflections considered in the experimental data, and
directly comparable to the grain families sampled
in a diffraction experiment. These volume averages
form the basis of our predictions of the lattice
strain loops, which may be compared to the experi-
mental results of Figs. 3 and 4.

The models show a gradual development of
plastic hysteresis behaviour as a function of
accumulated plastic strain in the system, both at
the macroscopic and intergranular level, while as
expected in a model without damage, no change
occurs to elastic stiffness.

5. Comparison between model and experiment
results

In a qualitative sense the model and experi-
mental results are in good agreement. The planar
elastic stiffnesses are of course well predicted. The
relative magnitudes of intergranular strains are also
correctly determined, with the continued linear
behaviour of the 111 and 311 in both axial and
transverse directions during cycling correctly cap-
tured. The values of the total elastic strains
obtained at the maximum applied macroscopic
strains are also in good agreement for each lat-
tice reflection.

However, a number of distinct differences can
be seen between the model and experimental
results. While the macroscopic stiffness and total
strains are well captured, the hardening develop-
ment is not fully described by the model, which
can be clearly seen in the gradual change of shape
of the modelled macroscopic hysteresis curve.
There are also differences between model predic-
tions and experimental measurements of the
internal intergranular strains. First, the model
shows a distinct development of the magnitude of
lattice strain at a particular applied stress with pro-
gressive loops; this change is larger than the
experimental uncertainty. This effect is particularly
clear in the case of the axial 200 peak, where the
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maximum change between the first and the eighth
cycles corresponds to around three or four hun-
dred microstrain.

Second, there are subtleties in the changes of
internal strain gradients at various stages of the
cycling. Experimentally, in unidirectional tests [7]
and in the initial tensile loading stage of this test,
the axial 200 exhibits a clear three-stage behav-
iour—elastic loading, gradual development of plas-
ticity, and plastic loading. This behaviour is cor-
rectly captured by the model; however, the same
response is still in evidence in the model predic-
tions during continued cycling. On initial inspec-
tion the experimental 200 loops do not show this
behaviour, instead exhibiting only two clear gradi-
ents—the elastic, and then one corresponding to
the second plastic gradient. However, given the
lack of experimental data in the region just past
zero applied stress, it is more likely that this “kink”
is in fact occurring at very low applied stresses.
The curvature of the 111 and 311 peaks is correctly
captured as being small in both model and experi-
ment. The magnitude of the 220 loop is reasonably
captured, while the behaviour of the 331 is over-
emphasized by the model; the changes in gradient
are much less pronounced experimentally. The one
reflection which the model qualitatively fails to
capture is the 420, which experimentally exhibits
negligible hysteresis compared to the quite sig-
nificant levels predicted (Fig. 6).

The difference in applied stresses at which
inflections in the internal strain occur accounts for
the difference in the magnitude (width) of the hys-
teresis loops for the 200 in model and experiment.
The model also overestimates the size of the hys-
teresis loops in the 220 and 331 planes. The experi-
mental internal strains appear to stabilize after a
small number of cycles, whereas the model data
predict continued development of the hkl strain
loops. There is a gradual reduction in the rate of
change of the model loops but, in common with
the macroscopic hysteresis loops, this change is
prolonged over many more cycles than is observed
experimentally (Fig. 7).

We should note, however, that the complete loop
data are only available for the first three experi-
mental cycles. However, we do have the
maximum, minimum and zero stress hkl strains for

further cycles; a plot of the 200 residual strains
measured at zero applied stress and compared with
model predictions is shown in Fig. 8a. The experi-
mental strains do appear to show a small develop-
ment, barely larger than experimental uncertainty,
while on the other hand the model does not show
any change in strains observed at zero load with
continued cycling. Instead, changes in the model
hysteretic loop are seen at elevated stresses (150–
250 MPa). It is also worth noting that these experi-
mental results demonstrate an increase in the area
of the hysteresis loop, as both tensile and com-
pressive residual strains increase in magnitude,
whereas the model data in fact show a decrease in
the size of the loop as initial yield occurs at a
(slightly) earlier applied stress. Comparison of
experimental data in the transverse direction with
the corresponding model predictions results in
broadly the same conclusions as have been drawn
above, although the relative uncertainty in strains
in this direction is larger. It is notable, however,
that the model transverse loops do show some quite
considerable increase in hysteretic area for all but
the 311 direction. This is an interesting point, as
loops exhibiting hysteresis must involve energy
dissipation. An understanding of the relationship
between grain orientation and energy dissipation
will be crucial in understanding the effect of
polycrystalline anisotropy on fatigue behaviour.

We can conclude from this comparison between
experimental and theoretical data that while the
model broadly captures the behaviour of the
polycrystal under cyclic loads, a number of
important features are not in full agreement. The
fact that agreement is good in the elastic regimes
and at the largest plastic strains is important. In
earlier unidirectional loading tests [5,7], it was
shown that the initial hardening behaviour of the
material, which was dependent on initial redistri-
bution of load between different grain orientations,
was important to explain the initial changes in
slope of intergranular strains. However, at larger
plastic strains (�0.2%) the intergranular strains
were once again approximately linear with applied
stress, though with a different gradient to the elas-
tic regime. Hence we can imply that it is during the
redistribution of strains between difference lattice
directions at small plastic strains that the model is
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Fig. 6. Simulated longitudinal lattice strain loops for four hkl-reflections: (a) (200) and (111), (b) (311) and (331), (c) (220) and
(420) and (d) close-up of the tensile part of the (200) response at the start of the experiment. Thicker arrows indicate later cycles.

failing. This is undoubtedly due to problems with
the hardening model. Perhaps one cause of this is
that we have not decoupled the back-stress
increment (Eq. (3)) from the shear strain
increment, but have maintained a strict kinematic
description. Another is likely to be the use of iso-
tropic hardening; that is, apart from the opposite
slip direction, slip along a particular slip direction
causes equal hardening of all the other slip systems
in the grain.

6. Plastic anisotropy strain

The data presented above are based on single
peak fitting, but using the standard Rietveld
refinement technique [14], we can in fact simul-
taneously fit to the entire diffraction pattern. There-

fore, this approach can be used to provide further
information regarding the inherent anisotropy and
hkl-dependency on the lattice strain development.
In the normal Rietveld refinement of diffraction
data the measured intensity distribution as a func-
tion of lattice parameter is assumed to be that based
on an ideal known crystal structure, such as fcc,
bcc or hcp, and the best fit to match this structure
is readily calculated. However, as a consequence
of deformation, whether it be thermal, elastic or
plastic, the physical relationship between the pos-
ition of different hkl-diffraction peaks deviates
from that which would be expected using this ideal
structure. During uniaxial elastic deformation, dif-
fraction lines move according to their specific stiff-
ness, which may be described by the so-called Ahkl

parameter, or by the Kröner stiffness [15]. This
does not strictly represent a distortion of a given
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Fig. 7. Simulated transverse lattice strain loops for four hkl-
reflections: (a) (200) and (111), (b) (311) and (331).

atomic lattice, just the fact that the mean stiffness
of the population of grains in the polycrystal con-
tributing to a particular diffraction peak is, for most
materials, dependent upon their orientation. This
effect has been introduced into the Rietveld
refinement by incorporating so-called anisotropy
strain, through a new fitting parameter, g, in the
refinement [7]. The quantity by which specific dif-
fraction lines shift according to their elastic stiff-
ness is hence governed by the term gAhkl. Rather
than refining the diffraction pattern towards an
ideal undistorted crystal structure, it is now modi-
fied so that, in a particular specimen direction, the
lattice parameter tracks the �h00�-direction and
other reflections are assumed to deviate from this
eh00-term according to Eq. (4):

Fig. 8. The residuals measured at zero applied stress for (a)
the (200)-reflection and (b) the anisotropy strain. The left-hand
scale shows the strain after a tensile cycle (open symbols), the
right-hand scale strain after a compressive cycle, with reversed
axes (closed symbols). The (200)-reflection data also show the
model predictions, as the lines without error bars, where the
lower line corresponds to the tensile data.

ehkl � eh00�gAhkl. (4)

In a quasi-isotropic polycrystalline material, in
either a Reuss [16] or Kröner [15] approximation,
the general form of Eq. (4) holds [17], based on the
fact that the inverse of the polycrystalline plane-
specific modulus Ehkl is linear with Ahkl. The actual
values of the linearity constants depend on the
grain interaction model used and do not concern us
since they are simply treated as fitting parameters.

In the elastic regime this anisotropy strain
component (g) should thus develop linearly and
correlate solely with the elastic anisotropy factor
Ahkl of the material. As soon as the polycrystal
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deformation exceeds a limit where elastic ani-
sotropy according to Ahkl can no longer explain all
deviations from the ideal crystal structure, the fit-
ted anisotropy strain is expected to start deviating
from this linear behaviour. This has been shown
by Daymond et al. on a data set taken during in
situ uniaxial loading of a stainless steel sample [7].
The expected deviation from the initial linear
behaviour was observed to correlate directly with
the commencement of any noticeable deviation
from linearity in the hkl-specific lattice strain
response, and also with deviation from linearity
(elasticity) in the macroscopic response. It was
moreover suggested that the fitting parameter g
could be split into an elastic and a plastic compo-
nent, g=gel+gpl.

This definition of an anisotropy strain has been
used in analysis of the present data set obtained
during cyclic deformation, and the calculated ani-
sotropy strain loop shows interesting features as
seen from Fig. 9a. First, as with the macroscopic
loading curve there is a different loading path for
the initial loading event compared with the sub-
sequent cycles. Second, there is a strong hysteresis
in the cyclic loading, and even in the space of the
first three cycles the change in this hysteresis is
observable. Furthermore, the change in slope of the
anisotropy strain corresponds to just before the
start of macroscopic plastic straining, as was indi-
cated by the changes in gradient of the single peak
responses. This effect can be particularly clearly
seen in Fig. 9b, where the macroscopic plastic
strain is compared with gpl as a function of the
applied stress. The plastic anisotropy strain is lin-
ear with applied stress in the plastic regime,
although the macroscopic plastic strain shows a
change in gradient. Thus the approximately linear
correlation between gpl and macroscopic plastic
strain observed in [7] for uniaxial linear loading
is not completely duplicated in the case of cyclic
loading. It should also be noted that the plastic ani-
sotropy loop expands (i.e. shows greater
hysteresis) upon continued cycling.

The development of anisotropy with continued
cycling can also be seen when only zero-stress data
are shown, Fig. 8b. Since these data of course just
come from an analysis of the diffraction data, it
suggests that indeed a gradual increase in the strain

Fig. 9. (a) The anisotropy strain loop obtained from analysis
of the experimental data. (b) Comparison of plastic components
of anisotropy strain (broken line) and macroscopic strain
(continuous line).

hysteresis of, for example, the axial 200 peak must
be occurring. The difference here is that by analys-
ing the entire diffraction pattern of many peaks
with only two fitting parameters, one can obtain
smaller uncertainties, highlighting the small strain
changes observed. Due to the still significant
uncertainty, however, it is not possible to be certain
if any saturation is occurring—this will require the
completion of many more cycles.
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7. Conclusions

A uniaxial tension/compression test specimen
was cycled between fixed total strain limits of
±0.4% in situ on the ENGIN diffractometer at ISIS.
Experimentally determined longitudinal and trans-
verse strain components have been compared with
numerical predictions obtained from a self-consist-
ent modelling scheme, including a representation
of kinematic hardening at a crystal plasticity level.
A strong hkl-dependency of the lattice strain
response in both the effective stiffness and in the
lattice strain loop hysteresis was observed in both
experimental and theoretical data. Good overall
agreement was achieved between model and
experimental data. However, several discrepancies
were highlighted, which were attributed to
deficiencies with the mechanism of modelling the
hardening behaviour. Introducing a permanent
(negative) hardening rate in the opposite to the
active system permanently modifies the single
crystal yield surface, and can only by reversed if
the opposite system is activated upon macroscopic
load reversal. We know, however, that intergranu-
lar stresses prevent many grains from unloading
through the origin. As a consequence, the opposite
system is not necessarily activated during reversal,
and the change in the single crystal yield surface
becomes permanent rather than reversible. Improv-
ing the model will require accounting for intragran-
ular microstructural features in a more realistic

way. We envisage incorporating the effect of back-
stress upon the active dislocation source in a man-
ner that will increase the resolved shear upon load-
ing and will reverse such an effect as soon as
unloading of the system starts to take place.
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2000;A282:131–6.
[7] Daymond MR, Bourke MAM, Von Dreele RB, Clausen

B, Lorentzen T. J Appl Phys 1997;82(4):1554–62.
[8] Toth LS, Molinari A, Zouhal N. Mech Mater

2000;32:99–113.
[9] Prangnell PB, Downes T, Withers PJ, Lorentzen T. Mater

Sci Eng 1995;A197:215–21.
[10] Daymond MR, Priesmeyer HG. Acta Mater

2002;50:1613–1626.
[11] Von Dreele RB, Jorgensen JD, Windsor CG. J Appl Crys-

tallogr 1982;15:581–9.
[12] Larson AC, Von Dreele RB. GSAS—General Structure

Analysis System. Los Alamos National Laboratory, 1994.
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